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Hot forming of duplex stainless steels

M. Barteri, E. Evangelista, H.J. McQueen, B. Verlinden

The duplex stainless steels (DSS) have yield strength and corrosion resistance superior to austenitic
(v-ss) and ferritic (-ss) stainless steels. In hot working, the DSS high ratio mixture of yparticles
in o matrix has greater strength than either phase because of mutual slip constraints hardening both
phases and phase morphology retarding the normal restoration mechanisms.
The temperature dependence is greater because there is a tendency for the soft o phase to increase
in addition to each phase softening. The o phase undergoes dynamic recovery (DRV) but to a diminished
degree, developing a small frequency of high misorientation walls and undergoing static recrystallization
on slow cooling. At high temperature the 'y phase dynamically recrystallizes but this is retarded
to high strains by the lack of grain boundaries in the small phase regions.
Ductility is lower than either independent phase since the interphase cracking cannot be hindered
by triple junction accommodation by DRV as in the o phase or by crack isolation by boundary migration
in DRX as in the Y phase.

INTRODUCTION

Duplex Stainless Steels, containing austenite and ferrite, are
a class of structural materials widely used since they combi-
ne the properties of the fully ferritic or fully austenitic steels
exhibiting performances not attainable with either single
phase. In fact toughness and weldability of the austenite are
synergetically combined with the strength and corrosion re-
sistance of the ferrite. As a result these steels combine high
strength (yield strength > 450 MPa in the annealed condition
and in superduplex 550-630 MPa) and good toughness
behaviour, (KCV at least 75 J/cm? at -30°C), combined with
outstanding resistance to various types of corrosion (stress
corrosion cracking, pitting and crevice).

Along the years, these properties received substantial impro-
vements from continuous progress in the steel making proces-
ses (vacuum or argon degassing). Moreover drastic reduction
of oxygen, sulphur and carbon levels, tight control of chemi-
cal composition, the addition of nitrogen as structure stabili-
ser and of copper as microstructure refiner were achieved.
The decrease of residuals has improved the hot working beha-
viour allowing the production of wide gauge plates and coils.
Such features, together with high cost effectiveness from the
low Ni content, explain their increasing demand in the che-
mical, oil and gas industries, off-shore structural systems,
chemical tankers, containers for food production, heat ex-
changers and many other applications where the corrosion
resistance to a variety of aggressive environments and che-
mical products and strength greater than that of austenitic or
ferritic stainless steels are the main concerns [1].

Many grades of duplex stainless steels in the form either of
wrought products or castings are available. At present for
the wrought products, there are three principal grades with
chemical compositions between the limits: Cr 22-25%, Ni
3-7%, Mo 3-4%, N 0.10-0.17%, these confer on the steels
the required corrosion and mechanical properties. Usually
the alloys have about equal volume fractions of ferrite, o,
and austenite, vy, obtained by hot working, solution annea-
ling and quenching. An important parameter for corrosion

and hot working behaviour, is the “partition coefficient”
between o and ¥ phases taking into account that the ferrite is
enriched in a stabilising elements P > W > Mo > Cr = Si and
austenite in v stabilising N >> Ni > Cu > Mn; the elements
are in sequence of decreasing stabilising effectiveness [2].
Whereas the hot forming behaviour of austenitic and ferritic
stainless steels in hot torsion, tension and compression tests
has been widely studied and results analysed thoroughly in
several review papers [3,4], few data are available on DSS.
In comparison to austenitic and ferritic stainless steels the
duplex ones are more sensitive to process parameters (T, &
soaking time) since ferrite and austenite have different cry-
stal structure and as a consequence different response to re-
storation occurring during and after deformation.

A strong dependence of hot working characteristics on volu-
me fraction of o phase was pointed out by Jervinen [5]
studying by tensile, compression and rolling several DSS at
various T and strain rate. The increase of o produced locali-
sed deformation in y while raising ductility and depressing
the strength. As will be discussed fully later, Chandra and
colleagues [6] and Al-Jouni and Sellars [7] studied the in-
tertwined problems of partitioning of strain; the mutual
strengthening effects and the restoration mechanisms in ea-
ch phase which are inherently very different as explained in
the next section. Verlinden and co-workers [8] showed that
N additions raise the flow strength by strengthening the v
phase and stabilising it in higher volume fraction.

Hot compression of as cast 2205 DSS and AISI 304 have
been investigated in the ranges 1000-1250°C and ¢ =0.1-10
'l by Paul and co-workers [9]. The flow stress had the same
trend for both but with lower values in the DSS due to the
presence of 65% soft ferrite. The effect of temperature and
strain rate on strength and ductility of 2304 DSS was inve-
stigated by means of hot torsion tests by Barteri et al. [10].
The peak stress and the ductility were influenced by o /7y
ratio and by strength of the phases modified by addition of
Mo and N. DRV of ferrite at all temperatures and DRX of
austenite above 1100°C were found to be the active softe-
ning mechanisms. The softening of ferrite in 21.10 DSS
deformed in torsion at ¢ of 0.7 s at 1200°C was investiga-
ted by Cizek and Wynne [11]. Quantitative optical micro-
scopy and TEM determination of the misorientation across
o/o boundaries affirmed that ferrite softening was based on
extended DRV without occurrence of discontinuous DRX.
This paper aims to present and discuss the results on hot-for-
ming behaviour of some relatively novel DSS used from the
beginning of the present decade.
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HOT DEFORMATION OF FERRITE AND AUSTENITE.

A fundamental stage in understanding the high temperature
deformation of mixed o and 7y phases is knowledge of the
deformation of ferrite and austenite separately. This infor-
mation is copiously available since the hot workability of
ferrite has been studied in pure Fe, Fe-Si and Fe-Cr stainless
steels [12-14]. High temperature deformation of austenite is
widely used in the normal processing of C, HSLA and tool
steel and also of the austenitic stainless steels. Both flow
stress dependence on T and € and microstructural evolution
are available for both phases. However the phase transfor-
mation on cooling of C, HSLA and tool steels makes it im-
possible to examine the dislocation substructures which are
observable in 7 stainless steels. Before presenting details,
one needs comment on the results showing that the mecha-
nisms of restoration in the two phases are at the extremes of
the behavioural spectrum dynamic recovery, DRV, in ferrite
and DRX in austenite.

Ferritic steels provide a good example of a high degree of
DRV in which the dislocations are able to cross-slip and
climb in order to annihilate and to rearrange into a polygoni-
zed subgrain structure [12,14-19]. The subgrains remain
equiaxed, constant in size and misorientation to strains ex-
ceeding 4 which are higher than those in most forming pro-
cesses. As a result of developing constant dislocation den-
sity, the flow curve rises monotonically to a steady state pla-
teau (0, € > £). As temperature rises and strain rate falls,
the subgrain size increases, dislocation density decreases
and the steady state flow stress decreases. In many cases, the
steady state regime exhibits a gradual decline due either to
deformation heating which is greater for higher stress and
work or to microstructural evolution such as the particle size
and distribution. The high level of DRV leads to a high duc-
tility since the low flow stress leads to low stress concentra-
tions at grain boundaries reducing crack initiation [12,16].
The change in properties and mechanisms from cold
working to temperatures above 500°C is gradual and per-
mits so called warm forging or rolling with forming forces
reduced and ductility raised [12,16,20].

In marked contrast to the above, austenitic steels, which ha-
ve low stacking fault energy (SFE) limiting dislocation
climb and cross slip, have a much lower level of DRV
[4,12,19,21-30]. The rate of strain hardening is high in asso-
ciation with a rising dislocation density until a critical con-
dition (Gc, €,) is reached at which new grains are nucleated
and spontaneously grow during straining in the mechanism
called DRX [24,30]. The rapid elimination of dislocations
by the growth of new grains in necklaces along the grain
boundaries (for suitable combinations of high strain rate and
large initial grain size) leads to a flow curve peak (0, ¢€)
and rapid work softening (=20%). This is followed by a
steady state regime (o, € ) in which a constant substructure
is maintained by a combination of DRV and DRX yet at a
high flow stress compared to ferrite under the same condi-
tions. Good ductility arises from DRX since the migrating
grain boundaries impede the nucleation and growth of
cracks to give a ductility usually less than that of ferrite
[4,12,14,31].

Both mechanisms are affected by alloy additions but usually
the austenite to a much higher degree. Solutes tend to decrea-
se dislocation mobility and reduce DRV in both materials.
Small particles serve as barriers to dislocation motion and al-
so decrease DRV. These effects raise the flow stress, the
stress concentration and thus augment GB cracking. The pre-
sence in austenite of segregated solute and of small to me-
dium particles in high density can impede boundary migra-
tion and hence slow down DRX and drastically reduce duc-
tility [12,13,31-33]. The 300 series stainless steels with solu-
te levels in the range 25-40% clearly exhibit marked solute
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strengthening [24,26]. The presence of non deforming large
particles or inclusions can develop voids especially in less
ductile or higher strength alloys, leading to rapidly propaga-
ting cracks; austenite is thus more susceptible to reduction in
hot workability than ferrite. In higher carbon steels the C dis-
solved in the austenite expands the lattice and enhances DRV
whereas in the ferrite it leads to formation of carbides which
raise strength and reduce ductility dependent on the morpho-
logy [4,14,33,34]. Of course alloy carbides in tool steels at
900-1200°C raise strength and lower ductility [34].

The static softening after any stage of deformation is also
much affected by the level of dislocation density left by the
restoration mechanism [4,12,14,33]. The high level of DRV
in ferrite usually leads to gradual softening as a result of sta-
tic recovery SRV so there is very little softening and grain
refining between passes. This makes it easy to retain the
deformation substructure to strengthen the product but it
does not provide a soft fine grained product for cold forming
[12,14,16]. On the other hand the high dislocation densities
in austenite lead to rapid static recrystallization with grain
refinement and loss of all deformation strengthening
[12,27,28]. In multistage processing of austenite at high
temperatures this is exploited to eliminate the as cast struc-
ture and improve the ductility [13,32,35,36]. In combination
with reduced rates of recrystallization at low T (= 850°C) in
C and HSLA steels, it is expected in controlled rolling to
produce a high grain boundary area in the austenite, through
refinement or pancaking in order to control the size of the
ferrite grains [4,27,33].

HOT STRENGTH OF DUPLEX STAINLESS STEELS

The hot strength of metals is an important technological pa-
rameter since it controls the forming forces and work; it is
controlled by the balance between work hardening and sof-
tening from restoration processes. The dependence of hot
strength on temperature and strain rate and on internal fac-
tors such as stacking fault energy, solute content as well as
volume fraction, composition, size and shape of second pha-
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Fig. 1. Equivalent stress-equivalent strain curves of two DSS
designated as 22.05 (22 Cr, 5.3 Ni, 3 Mo, 0.16 N, wt%) and 23.04
(22 Cr, 4 Ni, 0.2 Mo, 0.1 N, wt%).

Fig. 1. Curve di tensione equivalente-deformazione equivalente
degli acciai duplex: 22.05 (22 Cr, 5,3 Ni, 3 Mo, 0,16 N, peso%) e
23.04 (22 Cr, 4 Ni, 0,2 Mo, 0,1 N, peso%).




E ACCTIATIO

8

S

B

Peak Stress (MPa)
S

o

1250

&

1050 1150

Temperature(°C)

Fig. 2. Peak stress as a function of deformation temperatures:
H27.04[8], 622.05 [10], o AISI304 [18], v23.04 [10],
and v AISI 430 [19].

Fig. 2. Tensione di picco in funzione delle temperature di
deformazione: 127.04 [8], 622.05 [10], o AISI 304 [18],
v23.04 [10], and v AISI 430 [19].
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Fig. 3. Effect of holding time on content of o phase at various
temperatures in 23.04.

Fig. 3. Effetto del tempo di permanenza a varie temperature sul
contenuto della fase ot in 23.04.

ses is well documented [3,4,12,14,16,33]. For a duplex
structure of different strengths, the volume fraction of each
phase at the working temperatures is very important. The &
ferrite, produced by solidification of DSS, transforms, on
cooling, to austenite; since the transformation is reversible,
the temperature variations affect the volume fraction and the
chemical composition of the two phases.

The high temperature mechanical behaviour of 22.05 and
23.04 were determined by torsion testing. Some representa-
tive flow curves of the two DSS in Fig.1 show hardening to
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a peak and a progressive softening to a steady state. The
trend of stress peaks versus temperature at constant strain
rate are shown in Fig. 2 [8,10,15,24]. As compared to o or ¥
steels, the decrease in peak stress in DSS with increasing
temperature is enhanced by the increase in the volume per-
cent of ferrite. However, if the pre-treatment before torsion
is carried out in such a way that the volume percent of ferri-
te remains constant at all test temperatures, a normal tempe-
rature dependence of DSS is observed [8]. Because o is the
matrix phase, rising oo means less strengthening 7y particles.
When 7 is the matrix, 10% 0o-phase in as cast 304 raises the
strength at 900°C, 5 s, to 250 from 200 MPa in the homo-
genized. This occurs because 0 causes slip constraint while
suffering the same. Such & particles produce a denser dislo-
cation substructure in the surrounding y phase leading to
particle stimulation of DRX or SRX nucleation [22,23,32].
Al-Jouni and Sellars [7] studied in detail the effect of increa-
sing content of 0 ferrite on flow peak, activation energy and
partitioning strain between the phases. In deforming by tor-
sion and rolling in the interval 900-1200°C some DSS with
a content of d ferrite 0, 30, 50, 70, 100% and constant solute
level, they found that flow stresses and activation energies
for deformation varied with volume fraction of the phases
but not linearly following the law of mixtures based on
equal strain in the two phases. The activation energy varied
from 400 to 340 kJ/mol passing from 100% of austenite to
100% of ferrite. Considering the strain partition effect, both
phases became equally deformed under medium strain when
d is > 30%. In these conditions the austenite underwent
DRX following kinetics as in single phase austenitic steels.
The effect of N on hot strength was analysed by Verlinden
[8] who tested in torsion some DSS with approximately con-
stant solute content (about 29%) but with N varying from
0.07 to 0.4 wt%. For temperatures from 1000 to 1300°C,
ferrite volume fraction is stable for N = 0.25-0.4%, but for
lower N content (< 0.18%) the phase increases dramatically
up to 85% at 1300°C [1]. The influence of holding time on
Y—0o. transformation is shown in Fig. 3 [1]. In the interval
800-1060°C, an apparent strengthening effect of 270 MPa /
wt% N was observed, Fig. 4a. This effect is partially due to
an inherent strengthening and partially to a decrease of ferri-
te with increasing N that is a y-stabiliser. Based on the re-
sults of Al-Jouni, Verlinden used a “calibration curve”, Fig.
4b [8] which permits evaluation of the influence of a chan-
ge in ferrite content and to recalculate the experimental peak
stresses to hypothetical stresses at constant ferrite content.
In Fig. 5, the experimental data obtained at 900°C in torsion
with amount of ferrite ranging from 57 vol.% at 0.07 wt% N
to 39 vol.% at 0.40 wt% N, have been recalculated to con-
stant levels of either 57 or 39 vol.% a.

In this way the inherent strengthening effect of N could be

Fig. 4. Influence on peak
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Fig. 5. Calculated peak stresses for constant avol% fractions of
39 and 57. .

Fig. 5. Tensioni di picco calcolate a frazioni in volume di fase o
rispettivamente del 39 e 57 %.

evaluated and is about 130 MPa/wt% N. The beneficial ef-
fects of nitrogen-alloying on austenitic stainless steels has
been discussed in many conferences, particularly in the
HNS (High Nitrogen Steels) ones and in a recent review pa-
per of Simmons [37]. In DSS the nitrogen addition improves
resistance to localised corrosion, strength and stability of the
two phase structure [1].

The influence of grain size on the peak stress was considered
by Verlinden and co-workers [8] in the AISI 316N type steel
in which the increase of grain size reduced both the ductility
and the peak stress. In the DSS investigated only a 5% de-
crease of the peak stress with increasing grain size was ob-
served. As far as the distribution of strain between the two
phases is concerned, in hot deformation of the DSS Sandvik
3RE60 at &€ = 0.0038 s and strain of 0.023, a polygonized
structure appeared only in the o phase. Since dynamic reco-
very appeared in v phase only at strain >0.38, Chandra et al.
[6,38] concluded that y was more resistant to straining and
that the total strain was not distributed homogeneously into
the two phases but was directed, in the main part, to deform
the o matrix. The conclusion was also confirmed by optical
microscopy observation that the 7y particles began changing
shape at strain 0.49. Such distribution of the strain in the two
phases agrees with observations of Al-Jouni and Sellars [7].

HOT DUCTILITY OF TWO PHASE ALLOYS

The torsional ductility, g, of 22.05 as T rose from 1000 to
1200 °C with almost y constant of 70%, increased from 0.7
t029at¢ =0.1s'and 0.6to 1.2 at¢ =5 s, table 1.

1000°C .
22.05  23.04
£(s?) 1.5%y 40%y 7

&
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Over the same T range with y declining from about 40 to
22%, &, of 23.04 varied from 0.4 to 1.2 at 0.1 s! and 0.4 to
0.7 at 5 s°!. Similarly as cast 304, with about 10% segregated
3, exhibited € from 1.0 to 1.2 (0.1 s) and 0.9 to 1.0 (5 s)
with cracks always originating at y—8 interfaces
[13,19,22,23,31]. In contrast, homogenized 304 showed ef
of 5.7t0 11.8 (0.1 s') and 6.5 to 13.4 (5 s!) (at higher €, A
declined) with enhanced DRX slowing fissure growth
[4,12,24,30].

The interaction of the two phases has been studied in the in-
tercritical oi—y range of C and HSLA steels since it marks
the lower limit of commercial hot working processes. The
appearance of ferrite grains along the austenite grain boun-
daries can lead to a marked decrease in ductility especially if
they form on large equiaxed austenite grains during the
preheating. On the other hand in controlled rolling where
the o gradually forms between successive passes on the
boundaries of the pancaked austenite grains, the ductility
may not be much reduced [12,27]. The ductility may rise
and the flow stress decline since the bands of ferrite have
good dynamic softening and do not inhibit softening in the
austenite to a harmful degree. They strengthen the product
ferrite in providing strain hardened layers.

In alloy steels notably tool and stainless steels, the two pha-
se structures can also be studied in the y—0 intercritical re-
gion. If § appears due to over heating it may have delete-
rious effect on the austenite by impeding DRX. If y forms in
the 8 phase on cooling the effect is not severe since the har-
dening is in proportion to the volume fraction and the DRV
mechanism is not impeded nearly as much as similar parti-
cles in austenite would prevent boundary migration [4].

MICROSTRUCTURES AND MECHANISMS

As seen in optical micrographs, Fig. 6 a,b,c, the austenite
occurs as smoothly irregular particles of about 20-50 um
ranging from equiaxed to much elongated (=300um) in a
ferritic matrix with interparticle spacing of about 20-150
um. After extended heating and temperature cycling, the 7y
particles become coalesced, i.e. more uniform and spheroi-
dal and smaller as T is raised above 900°C. In deformed and
quenched specimens, the a phase contains subgrains more
clearly defined as e rises above 0.5 and larger as T increases
and ¢ decreases. The y phase etches only to exhibit grain
boundaries and straight annealing twins crossing some elon-
gated particles. With holding of 20-80 seconds after defor-
mation, the o, phase exhibits enlarged subgrains and in some
regions large SRX grains with the GB extending across the
phase layer; the y exhibits an increased frequency of annea-
ling twins as if SRX was more general, each particle being
one grain. This is in agreement with the determination by
Urcola and colleagues [39] of SRX in the y phase with only
SRV in the o phase of two DSS 23Cr-4.8Ni-0.22Mo-0.095N
(50% 7) and 22Cr-5.2Ni-0.17Mo-0.18N (75% 7) after plane
strain compression in the ranges 930-1100°C and 0.1-3 s
The vy phase undergoes DRX but likely at much higher criti-
cal strain than in the massive phase (for similar T, ¢) because

Table 1. Peak strength
and ductility dependence
onT, € and vol% y phase.

18 1.0

36 0.9 32 2.9 1.2
55 0.7 54 2.2 38 113
65 0.7 72 1.2 56 0.7
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Fig. 6. Optical (a,b,c) and TEM (d) micrographs of 22.05 after hot torsion tests at:
1000°C, € = 0.3, 0.1 s-' a); 1200°C, £ = 0.9, € =0.1 s'b); 1200°C, e = 0.3, € =5 s-1 c and d).

Fig. 6. Micrografie ottiche (a,b,c) ed elettroniche in trasmissione dell’acciaio 22.05 dopo prove di torsione a
1000°C, € = 0.3, 0.1 s-'a); 1200°C, £ = 0.9, € =0.1 s7D); 1200°C, e = 0.3, € =5 s-1 ced).

GB serve as the nucleation sites for the necklace structures
commonly responsible for grain refinement [24,30], (equili-
brium DRX grain size is often larger than the particle size in
DSS). The DRX necklaces normally halt GB cracking in y-
SS or in y-Fe but are ineffective against interphase cracking
[4,12,31]. At fracture in the € range 0.7-1.5, the phases ap-
pear only slightly elongated.

As observed by TEM, the two phases are easily distingui-
shed by the larger more polygonized subgrains in the o pha-
se as well as by diffraction. Because of the irregular phase
shapes and small dimension in one direction, it is difficult to

observe gradients in cell dimensions. However in each pha-
se there are considerable variations in cellular dimensions
and dislocation density from region to region depending on
phase morphology, Fig. 6d.

A recent study by Cizek and Wynne [11] on 21Cr-10Ni-3Mo
confirms these features and indicates DRX of the y phase
near the peak of the flow curve (¢, = 0.5, 6, = 50 MPa,
1200°C, 0.7 s!). The recovered substructure in the o phase
was studied intensively by selected area diffraction and ma-
ps of boundary misorientation determined.

In addition to a small number of original GB, the average
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misorientation,  =5° with about 10% spread across the in-
terval 11-19°. The origin of some of these high y walls is
undoubtedly disorientation boundaries DB between defor-
mation bands that arise from the grains splitting into regions
slipping on different systems according to Taylor theory.
Moreover DB are permanent, not continually rearranging
like sub boundaries, so that they increase in misorientation
with strain [40-43].

DRX seems to be ruled out but the high v indicate that the
DRV is not ideal as in creep but is characteristic of warm
(wDRV) as occurs in hot working where T decreases and ¢
rises in the range approaching warm working as discussed
extensively in Al-alloys [41-43]. These results confirm the
observations of recovery in ferritic alloys by McQueen,
Evangelista and Ryan [17-19], by Lombry et al. [15] (maxi-
mum Y = 13° at € =2.7), by Schimdt et al. [44] (mean \ ri-
sing to 15° at € = 15) and by others [22-23]. This is a diffe-
rent interpretation from DRX proposed by Kaibyshev and
others [44-46] and disputes the occurrence of DRX sugge-
sted by a few [47-51].

The transition from ideal hot working or creep DRV to
WDRYV is induced not only by falling T and rising & but also
by the presence of fine particles which develop surrounding
zones of increased dislocation density. Solutes which lower
the stacking fault energy or cause solute drag can raise the
temperature at which the transition takes place. The effects
of second phase constraints even when they undergo plastic
flow notably on totally different slip system result in increa-
sed strain hardening and higher flow stress (thus wDRV);
this is true even of § phase particles in austenite [8,12,22-
24,32]. The mutual strengthening of both phases can produ-
ce strengths higher than the rule of mixtures. In addition
from such effects, reduced cell size in the & phase relative to
that in single phase ferrite does not confirm that strain is
partitioning to it excessively. The interphase cracking which
is the source of failure is indicative of the slip constraints
(even & in ) and the interface stress concentrations. The li-
mited interphase spacing and volume fraction gives no op-
portunity for lattice accommodation at triple junctions in the
a which normally stops GB cracking.

In a 18.05 type DSS, thermally treated and quenched in or-
der to produce 50% o in the form of Widmanstatten plates,
Chandra et al. [6,38] found that at 900°C and at strain rates
up to 0.038 57!, the flow stress increases to strain of 0.5 with
o phase dynamically recovered in well defined subgrains at
e > 0.1, whereas g starts to recover at € > 0.4 in cells with
tangled boundaries. Strain appears non uniformly distribu-
ted since o exhibits more substructure than y and finer than
normal. Only at 0.38 s, the flow curves show a peak typical
of DRX; but new grains appeared only in y close to o phase
at € = 0.6 and imperfect subgrains are formed in the remain-
der. The anomaly was attributed to unequal strain partitio-
ning between the two phases. At lower strain rate, the a is
more affected by strain which transfers to g at higher strain
rates producing a critical strain to induce DRX [12].

The effects of two phase structures have also been examined
in as-cast austenitic stainless steels containing segregated &
ferrite to which ferrite stabilising elements are positively se-
gregated and austenite stabilizers negatively [12,21-23,32].
Although the ferrite is inherently softer, its presence in an
elongated network blocks slip transfer between large auste-
nite grains greatly increasing strain hardening and thus rai-
sing the peak stress in the flow curve compared to the homo-
geneous alloy. The increased dislocation density and redu-
ced cell size around the particles stimulates nucleation
(PSN) of DRX (or SRX after straining). Although DRX is
speeded up, fissures are nucleated at the ¥ — & interfaces
which leads to very low ductilities relative to the homogeni-
zed alloys [13,21,23,31]. The § ferrite particles exhibit reco-
vered substructures. In analogy to this, the presence of se-
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gregated y phase in a Widmanstatten like structure in as cast
ferritic stainless steels leads to an increase in strength and a
noticeable peak and work softening towards the levels of
homogenized alloys as the ¥ phase becomes less able to
block DRYV. The ferrite phase develops a recovered substruc-
ture and does not undergo DRX even in the vicinity of the
austenite particles [17-19].

CONCLUSIONS

The DSS have higher strength than expected from the rule
of mixtures of the o and y phases as a result of mutual
strengthening due to slip constraint increasing dislocation
density in both phases. The decrease in strength with rising
temperature is generally greater than in austenitic or ferritic
steels because of the increase in ferrite volume fraction but
is similar when phase fractions are constant. There is some
evidence of strain partitioning preferentially to the softer o
phase at low strains and volume fractions; this conclusion
may be questioned because of the greater capability in ob-
serving substructural changes in a than in y phases. The o
phase develops well defined subgrains after relatively low
strains but at high ¢ some large misorientations probably re-
sult from deformation band rotation. The y phase develops
substructures of much higher dislocation density in smaller
more highly misoriented cells than in the a phase and under-
goes discontinuous DRX at critical strains much higher than
in simple y-SS due to the absence of nucleation sites at inter-
nal grain boundaries within the 7y particles. The DRX in the y
phase is commonly the cause of the peak in the flow curve
but does not induce DRX in the o phase. Upon annealing,
the o phase undergoes considerable static recovery before
recrystallizing whereas the y phase particles recrystallize
readily to single crystals traversed by annealing twins.
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DEFORMAZIONE A CALDO DI ACCIAI INOSSIDABILI DUPLEX

Gli acciai inossidabili duplex, costituiti da isole di austenite
in matrice ferritica, combinando le proprieti meccaniche e
la resistenza alla corrosione degli acciai completamente
ferritici o completamente austenitici rappresentano una
classe di materiali strutturali ampiamente usati per la co-
struzione di sistemi per Uindustria chimica, alimentare ed
off-shore. Numerosi tipi sono disponibili sia per semilavora-
ti che per getti, con composizione chimica riconducibile en-
tro i seguenti limiti (% in peso): Cr: 22-25, Ni: 3-7, Mo: 3-4,
N: 0,10-0,17. A differenza degli acciai inossidabili monofa-
sici, che sono ampiamente studiati, pochi dati sono disponi-
bili in bibliografia riguardanti la formabilita degli acciai
duplex ad elevate temperature [5-11]. Nel presente lavoro
vengono presentati risultati di ricerche eseguite nelle Uni-
versita di Ancona e di Lovanio su diversi tipi di acciai du-
plex deformati mediante prove di torsione tra 1250-900°C e
velocita di deformazione, &, tra 0.025-5.0 5.

Nel lavoro vengono presi in esame la resistenza, la duttilita,
la microstruttura e i meccanismi di ripristino degli acciai
duplex 22.05 e 23.04. Questi aspetti sono importanti per de-
terminare la formabilita degli acciai e quindi vengono usati
per definire cicli di formatura e per costruire modelli sull’e-
voluzione strutturale.

La resistenza da una indicazione delle forze necessarie per
la formatura degli acciai. Essa dipende dalla temperatura,
dalla velocita di deformazione e da fattori intrinseci del me-
tallo come 'energia del difetto di ordinamento (stacking
Jault energy), il contenuto degli elementi in soluzione, la fra-
zione in volume, composizione, grandezza e resistenza delle
fasi secondarie. Le figure I e 2 mostrano I’andamento della
tensione in funzione della deformazione e della temperatura
a velocita di deformazione 1 s7'; le curve presentano massi-
mi di tensione seguiti da frattura o da un progressivo addol-
cimento (stato stazionario) che dipendono dalla temperatu-
ra e dalla composizione degli acciai. Ad & = 15 e a 1000°C
il picco é seguito dalla frattura. La diminuzione della ten-
sione di picco all’aumentare della temperatura é dovuta al-
Uinstaurarsi di cinetiche di ripristino e all’aumento della
Jfrazione della fase ferritica, fig. 3; questi fenomeni portano
all’addolcimento degli acciai. N oltre ad esercitare benefici
effetti sulla resistenza alla corrosione localizzata, stabilizza
la fase austenitica anche ad elevate temperature producen-
do quindi un aumento della resistenza come mostrato nella
figura 4.

La duttilita degli acciai testati alle diverse condizioni di
temperatura e velocita di deformazione & un dato importan-
te nei processi di formatura a caldo; nelle prove di torsione
essa viene ricavata dalle curve tensione-deformazione come
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deformazione a rottura, €. Nel 22.05 testato a T comprese
tra 1000-1200°C e alle diverse condizioni riportate nella ta-
bella 1, essendo I’austenite circa il 70% in volume, la dutti-
lita aumenta con la temperatura; anche il 23.04 manifesta
lo stesso comportamento anche se la fase austenitica dimi-
nuisce da 40 a 22%. La duttilita del 22.05 risulta superiore
a quella del 23.04 in tutte le condizioni di prova.

La microstruttura rilevata con la microscopia ottica, mostra
nella figura 6 I’austenite in forma di particelle irregolari di
dimensioni comprese tra 20-150 um. Dopo un lungo riscal-
damento le particelle 'y coalescono in forma sferica divenen-
do pit piccole al crescere della T sopra 900°C. Nei campio-
ni raffreddati dopo deformazione la fase o contiene sotto-
grani che appaiono definiti pit chiaramente come € aumen-
ta e pin grandi al crescere della temperatura e al diminuire
di & Mantenendo i provini deformati alla temperatura di
prova da 20 a 80 s prima del raffreddamento, si notano sot-
tograni pii grandi ed in alcune zone grani ricristallizzati
staticamente nella fase o e grani ricristallizati staticamente
in tutta la fase . La fase y inoltre ricristallizza dinamica-
mente a deformazioni maggiori di quelle necessarie per li
accial austenitici alle stesse condizioni di T ed & Questo ef-
fetto é riconducibile alla ripartizione della deformazione
che avviene preferenzialmente nella fase o/ che é meno resi-
stente della . 1 campioni osservati al microscopio elettroni-
co in trasmissione mostrano le due fasi chiaramente distin-
guibili. La ferrite mostra sottograni grandi e poligonizzati
anche dopo basse deformazioni ma ad elevate & I’austenite
sviluppa sottostrutture a maggiore densita di dislocazioni in
celle pinn piccole rispetto a quelle della ferrite e mostra ri-
cristallizzazione dinamica a tensioni critiche pii elevate di
quelle dei semplici acciai inossidabili austenitici dovuta al-
Passenza di siti di nucleazione all’interno dei confini di gra-
no delle particelle .

La ricristallizzazione dinamica nella fase v é la causa del
picco nella curva tensione-deformazione; nella fase o tale
ricristallizzazione non avviene. Nel corso della ricottura la
ferrite manifesta notevole rinvenimento statico prima della
ricristallizzazione mentre la fase 'y ricristallizza facilmente
in grani contenenti geminati.

Gli acciai austenitici invece avendo un limitato rinvenimen-
to dinamico, a valori critici di deformazione ricristallizzano
dinamicamente producendo un addolcimento notevole che
nella curva tensione-deformazione é rappresentato da una
caduta dei valori della tensione; il grafico presenta quindi
un picco seguito da uno stato stazionario della tensione. I
grani ricristallizati si mantengono equiassici e la loro gran-
dezza dipende dalla temperatura e dalla velocita di defor-
mazione; tendono a crescere quando la temperatura aumen-
ta e la velocita di deformazione diminuisce.
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